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Development of more accurate descriptions of dislocation motion requires understanding the actual effective
stress driving it. Back stresses from dislocation pile-ups can work against the applied stress resulting in lower
stresses acting on moving dislocations. This study presents calculations of back stress derived from in-situ com-
pression of 26-39 nm sized single crystal silicon cubes inside the transmission electron microscope. These initial-

ly dislocation free particles exhibited yielding culminating in over 60% plastic strain. The back stress was
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calculated based on a pile-up model which, when subtracted from the applied stress, suggests a constant effective
stress for continuing plasticity.

© 2015 Elsevier Ltd. All rights reserved.

Dislocation pile-ups resulting in back stresses are important phe-
nomena for understanding strengthening mechanisms, especially in
nanoscale crystals. Nanoscale materials displaying near theoretical
strengths have been observed for several years [1,2]. However, there
has been no discrete analysis of the impact of back stresses on the
flow stress, i.e. the applied stress necessary to maintain plastic deforma-
tion. High strength and toughness of nanomaterials [3,4] promises a
bright future for nanotechnologies for a variety of applications but one
which requires detailed understanding of how properties vary based
upon different loading conditions, including strain rate effects and plas-
tic confinement.

Garcia-Manyes and Guell [5] and Mook et al. [6] measured stresses at
the indenter contact surface (i.e. contact stress) in nanoscale Si ap-
proaching and exceeding the theoretical strength, E/10 = 16 GPa [7].
The measured contact stress of 17 GPa for 1-12 nm depth indentations
into silicon by a diamond indenter tip mounted to an atomic force mi-
croscope (AFM) [5] slightly exceeds the theoretical strength according
to the E/10 determination. Compression of 40-140 nm diameter Si
nanospheres [6] presented an even more compelling case as the mea-
sured contact stresses appear to exceed the theoretical strength even
when dividing by the factor associated with a triaxial stress state. In
both cases significant plastic deformation was nucleated and the contact
stresses are comparable when scaled by the plastically deformed
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volume. This was approximated by relating the size of the plastically de-
formed Si spheres to the calculated plastic zone diameter 4a, where a is
the contact radius of the indented Si. This suggests that there exists a
strong correlation between plastic zone size and contact stress. In both
cases theoretical strength level stresses are maintained for plastic zone
sizes up to about 60 nm. This originally was explained as a pressure ef-
fect [8]. However, previous studies have shown that the contact stress
should drop as dislocations are nucleated, which was not observed in ei-
ther case [9]. In both cases, substantial plasticity was present and, there-
fore, these high strengths cannot be explained by a pressure effect. It
should be noted that differences may be due to the relative size of con-
tact, the amount of confinement and the dislocation velocities or Peierls
barriers in relation to effective stresses.

The presence of previously emitted dislocations exerting an elastic
stress on the indenter due to their lattice distortion (a back stress)
could explain these high strengths as the measured applied stress
would not be the true effective stress for dislocation nucleation and mo-
tion. Nanoscale materials possess an inherent limitation on the number
and separation of dislocations within their volume, producing large
back stresses relative to the bulk [6,10,11]. Analysis of the discrete con-
tribution of the back stress from dislocations is challenging due to the
need for high precision mechanical measurements and imaging, as
well as a dislocation-free specimen with a readily interpretable geome-
try. Some efforts have been made to analyze back stresses from conven-
tional nanoindents, using etch pit decoration of dislocations for MgO
[12] and using AFM for KBr [13]. These techniques can only detect sur-
face dislocations, however, resulting in somewhat limited applicability.
Here we present an experimental analysis of back stresses due to dislo-
cation pile-ups during compression of single-crystal Si nanocubes
(NCs), which can be considered as a nearly ideal experiment for study-
ing dislocation-induced back stresses.
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Fig. 1. TEM images of {100}-faceted Si NCs oriented such that its (a) [110] direction and (b) [100] direction is along the beam direction.

Si NCs 26 nm to 39 nm in size and terminated by <100> facets
(Fig. 1), previously shown to be nominally defect free [14], were indi-
vidually compressed along the [001] direction with a Hysitron PI-95
Picolndenter. NCs were synthesized in a plasma reactor, as described
earlier [15,16] and deposited directly onto small sapphire pieces with
a sharp edge which allowed unobstructed transmission electron mi-
croscopy (TEM) imaging during compression. NCs were compressed
using a nominally flat, boron-doped diamond tip with a strain rate of
0.1-0.2 s~'. Compressions were performed in an FEI Tecnai F30
Scanning-TEM operating at 200 keV while acquiring zero-loss filtered
conventional TEM images at 25 fps to produce videos using a Gatan
692 CCD camera.

True stress-true strain curves for compressed 26 to 39 nm NCs are
shown in Fig. 2a. Full discussion of the mechanical data and investiga-
tion into the mechanisms of plasticity in these Si NCs is available in
[17], but will be briefly reiterated here. First, linear elasticity is main-
tained up to about 7% true strain, called “regime i.” A deviation from lin-
earity occurs corresponding to formation of dislocation embryos
(“regime ii”) (possibly a local p-tin phase transformation) up to an
upper yield point at 11% true strain and 11 GPa stress. At the upper
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yield point, dislocation activity on {111} planes is observed (“regime
iii”) as the stress begins to drop which could result from increased stress
concentration due to the nucleated surface steps, decreased local vol-
ume associated with the phase transformation or rapid dislocation
emergence at the free surfaces of the NCs. The same planes continue
to flicker as the stress drops to a lower yield point at 40-50% true strain
and 8 GPa true stress (“regime iv”). Following the lower yield point, lin-
ear hardening is observed to occur up to 70% strain (“regime v”).
During the drop from the upper yield point to the lower yield point,
it is believed that dislocations are freely terminating at the truncated
corners of the NC. This interpretation is supported by repeated com-
pression of a 45 nm Si NC whose stress-strain curves are seen in
Fig. 2b. Initial compression of the NC was aborted at the first sign of
yielding, and then was repeatedly compressed with displacements of
approximately 5 nm. Between each compression the NC height and
width were measured and used to offset each curve. The upper and
lower yield stresses are comparable to continuous compressions. The
mismatch between the unloading NC height at zero load and post-
mortem measurement suggests that a significant amount of reverse
plasticity, i.e. dislocations reversing their path back to the nucleation
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Fig. 2. (a) True stress vs. true strain curves for analyzed Si NCs, all showing identical deformation regimes (i-v) but with some variance in stress and strain levels for the onset of each.
(b) True stress vs. true strain curves for repeat compression of a 45 nm Si NC obtained in displacement control mode. NC height was measured between compressions. The first compres-
sion was aborted upon observation of {111}-habit contrast. Subsequent compressions were terminated at a target displacement of 5 nm. (c) Images from in-situ TEM compression video,

which are representative of each deformation regime (i-v) for the 38 nm particle.
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surface [18], occurs on unloading. Observation of reverse plasticity
means that the dislocations are not trapped and by extension that the
NCs are nearly dislocation free at the start of each subsequent cycle
until hardening begins.

Dislocation activity was observed to occur on the {111} slip planes.
Dislocation emission starts at the center of the contact surface where a
stress concentration exists with growth in the [110] direction for dislo-
cations as depicted in Fig. 2c (i-v). Back stresses develop in the linear
hardening regime as the NC has been deformed to such degree that a
fully flat contact is made between it and the indenter with the substrate
trapping future emitted dislocations as illustrated in Fig. 3a. The onset of
dislocation confinement would require approximately 33% plastic
strain, based on the observation that the body and face diagonals were
1.25 times the NC height. This 33% plastic strain added to the observed
11% elastic strain matches the observed onset of linear hardening at
about 45% strain.

In order to estimate the back stress exerted by dislocations nucleated
during the linear hardening regime, we developed a model adapted for
the specific geometry of these NCs. The Eshelby dislocation pile-up
model [19] for back stress, Tgs, is given by

_ HbNgy
TBs —m~ (1)

Here, N, is an effective number of dislocations in a pile-up, prand v
are the elastic constants, b is the Burgers vector and [ is the distance
from the leading dislocation of the pile-up to the source [19].

First, the shear stress needs to be resolved into normal stress acting
on the indenter NC contact surface. The shear area needs to be deter-
mined, for which two limiting cases are considered as illustrated in
Fig. 3b. Assuming the slip plane angle remains constant as deformation
proceeds the shear area is a trapezoid (shown in red in Fig. 3b) which
depends on the instantaneous height, h;, and instantaneous width, w;.
However, some rotation of the slip planes is expected. In the limiting
case where the slip plane angle varies to its maximum degree and the
corners of the {111} plane remain fixed, the shear area is triangular
(shown in blue in Fig. 3b). These two models for the shear area depend
on w; and h; as:
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The true shape of the slip planes would be somewhere between the
limiting trapezoidal and triangular cases described. Multiplying the

As =

stress (Eq. (1)) by the shear area (Eq. (2)) gives the force along the
slip direction. With the shear stress, 755, equal to half of the normal com-
pressive stress, Ogs, for a uniaxial stress state and resolving the force
Fy=o0gsw? in the normal direction required to resist the compressive
force one finds

OpsW? = 2TsAs COSO. (3)

With cosf = 1/v/2,1s = \/3/2h; for the trapezoidal shear area or I; =
V12w + h;? for the triangular shear area, Egs. (2) and (3) can be

combined to give the back stress acting over the normal area of the
cube face
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Negr Will need to be estimated not being able to fully characterize the
exact arrangement of dislocations or their number. Here, Ny ¢, where
gp is the confined plastic strain. The onset of the linear hardening re-
gime, €oy, is used as the beginning of confined plastic strain such that
&y =¢€—¢&y,y and it is estimated that Neffz\/fgpho/b, based on the
change in particle height due to the emission of one dislocation.

This model does not explicitly depend on the dislocation character as
the final solution is Burgers vector independent. The model is derived
for trapped perfect edge dislocations for simplicity even though partial
dislocations were observed in [17] just after the upper yield point,
though the dislocation character in the hardening regime could not be
characterized. This is a reasonable approximation as each pair of partial
dislocations would produce a similar stress field to a perfect dislocation.
However, it should be noted that the spacing between dislocations in
the pile-up would likely be different. The effect of dislocation character
would exist in the stress field of each individual dislocation through the
(1-v) factor, with a perfect screw dislocation requiring a change of (1-v)
to 1 resulting in the lowest possible stress field per dislocation.

A few other important approximations are: it is assumed that dislo-
cations do not mutually annihilate or react to form Lomer locks [20] and
dislocations do not escape in the hardening regime through other
means such as climb. Additionally, it is assumed that the spacing be-
tween slip planes does not affect the back stress (which is observed in
[21]). Lastly, the choice of i and v for a highly anisotropic material
such as Si is not straightforward. The most simple assumption is to use
1 = 67 GPa and v = 0.22 which represents the isotropic averaged

Fig. 3. (a) lllustration showing how a truncated NC achieves confined slip bands after plastic deformation. This only shows one set of slip bands for simplicity; a more realistic picture would
use multiple slip bands to produce homogeneous deformation. (b) Illustration of trapezoidal (red) vs. triangular (blue) shear areas for a compressed cube, where the trapezoidal shear area
maintains the original angle of the {111} plane and the triangular shear area allows maximum rotation. (For interpretation of the references to color in this figure legend, the reader is

referred to the web version of this article.)
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Fig. 4. (a—e) The calculated back stress (blue) and resulting effective stress (red) for particles of different sizes. Shading represents the range of possible values based on the selection of it
and . Dotted lines represent the triangular shear plane model and solid lines represent the trapezoidal shear plane model with = 67 GPa and v = 0.22. (f) Effective stress is shown vs. NC
size for the triangular and the trapezoidal models. Error bars represent the variation of tand v. The linear fit to the data is presented with a dotted line. (For interpretation of the references

to color in this figure legend, the reader is referred to the web version of this article.)

values, but directional values could also be utilized, such as values on
the {111} plane in <110> directions of p = 62.4 GPa and v = 0.22 [22].

It is clear from the in-situ TEM imaging that severely constrained
plastic flow builds up large back stresses that contribute to the total
flow stress. For a constrained volume, the effective stress can be evalu-
ated as

Oeff = Oflow —OBs- (5)

As has been discussed for decades, it is the effective stress that
should be applied in the dislocation velocity expression as reduced by
a back stress [19,23-30]. In constrained volumes the continued motion
of dislocations is limited by the size of the NC and plasticity is controlled
by additional dislocation nucleation at a constant effective stress.

Fig. 4 shows the compressive applied stress determined from con-
tact areas measured from in-situ TEM videos, the back stress calculated
from Eq. (4) and the difference that is the effective stress as indicated in
Eq. (5). Calculations are performed for both trapezoidal and triangular
shear area models. Additionally, shading for each model is utilized to
demonstrate the maximum changes due to variation of p from 58 GPa
to 80 GPa and variation of v from 0 to 0.28 to account for dislocation
character changes. The onset of linear hardening tended to occur at
stress levels very near the observed upper yield stress, resulting in the
average effective stress for all the analyzed NCs to be 10.2 GPa. For
these sub-50 nm volumes under compression it appears then that it
may not be the initial yield strength that is length scale dependent but
rather the flow stress which is back stress dependent in constrained
flow. Additionally, it can be argued that it is the effective stress that is
required for nucleating the next dislocation rather than the applied
stress, which applies equally to calculations of dislocation velocity
using a stress-dependent activation energy. This would imply that the
dislocation velocity controls the strain rate sensitivity [29] and, in the
present case, velocity is controlled through the effective stress. Such
data will become necessary for validation of atomistic simulations as
the temporal and temperature refinements become a reality [30-33].

A similar back stress analysis should be applicable to materials with
other crystal structures and slip systems, assuming dislocation motion is
the dominant plasticity mechanism and can be properly characterized.
It should also be possible to account for other environmental variables
affecting dislocation nucleation and propagation, such as temperature
or impurities. In addition, pre-existing dislocations could be accounted
for, especially if dislocation starvation [2] were to ensue prior to larger
scale yielding. However, even initially trapped dislocations may not be
problematic with appropriate modification of the methods utilized
here, as guided by in-situ imaging. Stress gradients could be considered
as well using finite element analysis. For this work, this would improve
the calculation of dislocation pile-up spacing as there is a gradient due
to barreling from contact friction. Such considerations would be critical
for a more complex particle shape.
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